Through millennia humans knew about and exploited the marvelous natural property of metals to harden under mechanical loads -a material is said to harden if it grows stronger when mechanically strained or deformed. Root causes of metal hardening remained unknown until 85 years ago when dislocations -curvilinear crystal defects made of lattice disorder -were proposed to be responsible for crystal plasticity. Yet, even though direct causal connection between dislocations and crystal plasticity is now firmly established, no quantitative theory exists to predict metal hardening directly from the underlying behavior of lattice dislocations. This has not been for lack of trying as numerous theories and models sprang to life explaining, often based on differing if not opposing viewpoints, metal hardening from dislocation mechanisms (1). But as physicist Alan Cottrell opined, work (strain) hardening is perhaps the most difficult remaining problem in classical physics (worse than turbulence) and is likely to be solved last (2). The essential difficulty in putting to rest still ongoing debates on mechanisms of strain hardening has been our persistent inability to observe what dislocations do in situduring straining -in the material bulk.
While physicists grapple to understand and quantify strain hardening, material models employed to optimize metal processing (e.g. forging, rolling or extrusion) remain phenomenological and based on empirical observations largely predating the very concept of crystal dislocations. Here we rely on a super-computer to clarify what causes metal hardening. Instead of trying to derive hardening from the underlying mechanisms of dislocation behavior -which has been the aspiration of dislocation theory for decades -we perform ultra-scale computer simulations at a still more basic level: the motion of atoms the crystal is made of. Viewed here as unbiased computational experiments, in our simulations we observe, rather than prescribe, exactly how the motion of individual atoms translates into the motion of dislocations that then conspire to produce metal hardening. Here we focus our attention on clarifying the origins of socalled "three-stage" hardening as perhaps most argued-about aspect of metal plasticity. Fig. 1a shows stress-strain response observed in our molecular dynamics (MD) simulations of seven aluminum single crystals subjected to uniaxial tension at ambient temperature and pressure. Shown in Fig. 1b are results of uniaxial tension experiments on the same seven crystals reported by Takeuchi in his classic 1975 paper (3) . Leaving aside for now quantitative differences in the magnitude of the flow stress, the simulated and experimental stress-strain curves are in remarkable qualitative agreement. Indeed, relative ordering of the flow stress among seven simulated crystals is the same as in the Takeuchi's experiment both in the early as well as in the late stages of straining. Still more striking is the agreement in the shapes of the seven response curves: whereas three crystals labeled [001] , [111] and [112] exhibit simple "parabolic" stress rise (hardening), the other four curves show more or less distinct inflection, or "three-stage" hardening. The difference among the seven crystals was in the orientations of their crystal lattices (with respect to the straining axis), selected here after Takeuchi so as to sample important lattice orientations of a cubic crystal. Essential for this work is that in his paper Takeuchi also reports if and how each of the seven crystals rotates in response to tensile straining (3). Even though Takeuchi's results are for copper, qualitatively similar response has been widely reported in aluminum studied here and in most other face-centered cubic (FCC) metals (4-10).
The striking similarities between the two sets of stress-strain curves shown in Figs. 1a and 1b cannot be accidental despite an astonishing 10 orders of magnitude difference in straining rates: 5
. 10 7 /s in our simulations and 3 . 10 -3 /s in the experiment (3). This agreement suggests that: (a) fundamental physical mechanisms of dislocation plasticity remain invariant across the entire range of straining rates from low or "quasi-static" rates of experiments (10 -5 -10 1 /s) to high or "dynamic" rates of our simulations (10 5 -10 8 /s); (b) viewed as computational experiments, our high-rate MD simulations are just as quasi-static as the real low-rate laboratory experiments. Seemingly contradictory, the latter proposition derives from the following insights.
Often applied to straining experiments at rates exceeding 10 1 /s, the moniker "dynamic", essentially means that straining conditions -straining rate, temperature, pressure, etc.
-cannot be maintained stationary at such rates in a real laboratory test primarily due to a finite rate of heat exchange and to inevitably imperfect control over straining apparatuses. This is in contrast to low-rate "quasi-static" experiments in which straining conditions can and usually are maintained strictly stationary. Yet, despite very high rates of straining necessitated here by the notorious time limit of MD simulations, our "computational experiments" are essentially quasi-static as we employ special controls -"Maxwell's demons" of sorts -that react to and gently nudge the motion of individual atoms so as to maintain the overall temperature, pressure and straining rate stationary. While the total duration of our simulated MD trajectories is in the range 20-40 ns, this is still far longer than characteristic time scales of dislocation motion that delineate truly dynamic from quasi-static response. For instance, it takes only a few ps for a dislocation to adjust its velocity to a change in local stress (dislocation inertia), or a fraction of one ns for the same dislocation to travel from one obstacle to another. Thus, even if flow stress, dislocation density and other rate-dependent measures of metal plasticity reported here are understandably different, we sustain that, with respect to the underlying dynamics of dislocation behavior, our high-rate MD simulations are just as quasi-static as the low-rate laboratory experiments. Thus our observations presented below should be representative of quasi-static metal plasticity across the entire range of accessible straining rates.
Our key observation is that staged hardening is a direct manifestation of crystal rotation. Listed in Table 1 in order of decreasing initial slip symmetry, characteristic variations in the shapes of stress-strain curves are directly attributable to the occurrence (or not) of crystal rotation during straining. Three-stage (inflection) hardening is observed in the five crystals that we observe to rotate under straining whereas parabolic hardening without an inflection is observed in the curves of the three crystals that do not rotate. It turns out to be possible to explain why and, to a lesser extent, how crystals rotate under uniaxial straining without ever invoking lattice dislocations. About a century ago, well before lattice dislocations were first hypothesized (12) (13) (14) and later observed (15) , it was discovered that single crystals, i.e. crystals with the same lattice orientation across the entire specimen volume, respond to straining by slipping in specific lattice planes along specific lattice directions (16) (17) (18) , Fig. 2a : each such pair of a slip plane and a slip direction constitutes a slip system. In most crystals several such slip systems exist that can potentially contribute to macroscopic slip. Based on empirical observations, the celebrated Schmid law states that, when multiple slip systems exist, slip occurs in systems that are most favorably inclined with respect to the straining axis: this preference for slip is commonly expressed by the geometric Schmid factor (19). Schmid also rationalized why some single crystal specimens rotate under uniaxial straining (20) . As shown in Fig. 2b , when orientation of the straining axis is such that one of the crystal's systems is most favorably inclined for slip, slipping along this primary slip vector should skew the specimen's shape. However the specimen is constrained to stay coaxial with the grips of a stiff straining machine and compensates for its inability to skew by rotation, Fig. 2c . Based on such purely geometrical considerations, Schmid predicted that under tension a crystal should rotate so as to align its dominant slip direction with the straining axis (21) . Conversely, in a frame tied to the crystal lattice the straining axis rotates towards the dominant slip direction.
Takeuchi (3) selected his seven crystal orientations so as to sample all possible symmetries with respect to the straining axis of the face-centered cubic (FCC) lattice. To follow the logic it is convenient to use the stereographic projection ( lie at the intersections of two, three and four triangle edges and straining along these corner axes equally favors slip in four, six and eight slip systems, respectively. In SM we augment Schmid's geometric arguments with an a priori slip stability and reorientation flow analyses to predict which of the crystals studied here should rotate and which should not and, for each crystal predicted to rotate, where it should rotate to.
All but one crystal orientation behave precisely as predicted (Fig. 2h) (24) . We then extract dislocations from atomistic configurations encountered every 0.1 ns along the simulated straining trajectories and partition the so-extracted dislocations over 12 slip systems of the FCC crystal. Fig. 3 presents two out of seven straining simulations in which stress response, slip activity and Schmid factors of all 12 slip systems are coordinated along the straining trajectories.
The simulated straining response of an aluminum crystal initially oriented along the [101] axis is shown in Fig. 3a . Although all 12 slip systems were initially equally populated with dislocations, the density of dislocations in the preferred four slip systems grows quickly from the start reflecting high slip activity in them, as shown in Fig.  3b . Owing to mutual forest resistance of intersecting dislocations in the four active systems the initial post-yield rate of hardening is high -when observed, such initially rapid hardening is sometimes referred to as stage-0 hardening. Soon the initial 4-fold symmetry breaks and one of the four systems (black line) continues to multiply dislocations while dislocation densities in three other initially favored systems (green, yellow and blue) subside. This causes the forest resistance and the hardening rate to drop entering what is called easy glide or stage I hardening. Just as predicted by Schmid, when one slip system dominates, the straining axis rotates towards its primary slip direction [011] . While the axis rotates across the triangle (Fig. 2h) , the primary system becomes still more favored (note the maximum in its Schmid factor in Fig. 3c ) so that the flow stress stays flat or even decreases slightly. On approaching the triangle edge, another "conjugate" system begins to see increasing Schmid factor (dashed red line in Fig. 3c ) and gradually activates. Dislocations in the conjugate system become more numerous increasingly blocking the motion of primary dislocations and causing the flow stress to rise more rapidly again due to increasing mutual forest resistance between the two active systems -this is hardening stage II. Schmid factors on the conjugate and primary systems become equal precisely when the axis crosses the triangle edge, but the axis trajectory slightly overshoots the edge and only then returns to it and settles at [112] . Observed in experiments, axis overshoot and subsequent axis oscillations are manifestations of "latent hardening" caused by delayed dislocation multiplication first in the conjugate system, then in the primary system, etc. As the axis settles in its end [112] orientation, both the flow stress and the fractional dislocation densities gradually approach their asymptotic values, with the associated reduction in hardening rate marking the transition to stage III. As was argued before (1) and supported by our recent results (25) , asymptotic saturation of the flow stress and dislocation density can be achieved when dislocation multiplication is exactly balanced by dislocation annihilation.
In real experiments such asymptotic saturation is invariably interrupted by a macroscopic catastrophe such as necking and fracture or barreling so that the impending flow stress saturation is hinted at but not fully resolved in the experimental stress-strain curves (Fig. 1b) (3) . Although previously reported in the literature, most of these dislocation activity and evolution behaviors in staged hardening were inferred from circumstantial evidence, such as surface slip trace analysis and postmortem electron microscopy. Having access to all of the details of simulated atomistic trajectories, we produced several videos illustrating how much more insight can be gained by observing what dislocations do in silico in material bulk.
Staged hardening observed in MD simulations of other crystal orientations is just as tightly connected to crystal rotation however detailed evolution of slip systems observed in MD simulations varies from case to case. (Fig. 1a) . Considering [001] straining as a representative example (Fig. 3d) , evolution of dislocation populations in 12 slip systems observed in these three simulations is rather uneventful: all initially favored systems remain equally favored (Fig. 3e ) and active through straining as is evidenced by a steady rise and eventual saturation of dislocation densities in all active slip systems. A surprising result however is that dislocations in systems with zero Schmid factors multiply nearly as much or even more than the active systems. In particular, under [001] straining, asymptotic density produced in each of the four "inactive" systems exceeds asymptotic densities in each of the eight active systems (Fig. 3e) . First reported in (26) , generation of dislocations in nominally inactive systems via junction reactions is a potentially important contribution to latent hardening broadly defined as any effect of active systems on the behavior of inactive systems (27) . We expect such latent multiplication of "dislocation dark matter" to be consequential for metal plasticity.
In addition to eight simulations reported in table 1 (seven of which are shown in Fig. 1a [001] appears to be narrow. The ability to simulate lattice reorientation at very large strains and to identify asymptotic attractor orientations in MD simulations is important for improving accuracy of engineering models used to predict evolution of polycrystalline texture in rolling, forging, extrusion, ECAP, and other metal-forming operations.
Evidence is abundant in the literature that staged hardening in single crystals is a general phenomenon not limited to aluminum, FCC metals or cubic crystals and is observed in metals, semiconductors and ionic crystals alike. Our simulations clarify that three-stage hardening is not an intrinsic material property, but a kinematic consequence of the co-axiality constraint imposed on specimens in the standard uniaxial tests. Thus, it makes little sense to seek explanations of staged hardening in dislocation mechanisms somehow changing from one hardening stage to the next. At the same time, our simulations bring to light several previously unknown and potentially important aspects of metal plasticity that require one to delve more deeply into the details of dislocation motion for an explanation. Having access to the entire MD trajectory and armed with our recently developed methods of in silico computational microscopy (28,29), we can now relate every wiggle in the stress-strain response to underlying events in the life of atoms and dislocations. If, as we posit, our high-rate MD simulations and low-rate experiments probe the same physics, simulations of the kind presented here offer unique means for inquiry into fundamentals of crystal plasticity.
